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ABSTRACT

Single-pass hybrid laser-arc welding of 10-mm thick cast plates of CA6NM, a low carbon
martensitic stainless steel, was carried out in butt joint configuration using a continuous wave fiber laser at
its maximum power of 5.2 kW over welding speeds ranging from 0.75 m/min to 1.2 m/min. The
microstructures from the fusion zone to the heat affected zone and base metal were characterized after postweld tempering at 600°C for 1 hour. From optical and scanning electron microscopy examination, the
fusion zone was observed to mainly consist of tempered lath martensite and some residual delta-ferrite. The
mechanical properties including microindentation hardness, ultimate tensile strength and Charpy impact
energy were evaluated in the post-weld tempered condition and correlated to the microstructures and
defects. The ultimate tensile strength and Charpy impact energy values of all the fully penetrated welds in
the tempered condition were acceptable according to ASTM, ASME and industrial specifications. The
failure mechanisms during tensile deformation and Charpy impact loading were examined by scanning
electron microscopy, fractography and optical metallographic analysis near the fracture origin.
KEYWORDS
Hybrid laser-arc welding (HLAW); Cast stainless steel; Post-weld heat treatment; Microstructure;
Mechanical properties.

Page 1 of 16
Published by the Canadian Institute of Mining, Metallurgy and Petroleum | www.metsoc.org

COM 2015 | THE CONFERENCE OF METALLURGISTS
hosting AMCAA | America's Conference on Aluminum Alloys

Ac1
BM
EBW
FCAW
FZ
GMAW
GTAW
HAZ
HLAW
Mf
Ms
OM
PMZ
PWHT
SEM

ISBN: 978-1-926872-32-2

NOMENCLATURE
Temperature at which austenite begins to form during heating
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Optical microscopy
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Post-weld heat treatment
Scanning electron microscopy
INTRODUCTION

Hydropower is one of the most widely used renewable sources of energy for electricity generation.
Considering the long-service life of hydropower systems that can operate for more than five decades,
proper design and manufacturing are critical for achieving high performance with low operational and
maintenance costs. The most important part of any hydraulic power system is the turbine that is an
assembly of various sub-components, e.g., runner blades, crowns and bands. These components are
fabricated commonly from thick-walled stainless steel alloys, such as CA6NM, which is a low carbon
martensitic stainless steel that is manufactured in cast form and has high strength, good toughness and
corrosion resistance (Bilmes, Solari, & Llorente, 2001). However, the assembly and joining of the large
hydroelectric turbine components is a great challenge from the perspective of the highly complex blade
geometry and sizeable overall dimensions. Thus, the manufacturing quality and cost of the turbine are
highly dependent on the ability to join such low carbon cast martensitic stainless steel components using
methods that can provide high productivity, low material consumption and good joint integrity with any
imperfections and distortion remaining within acceptable levels. To date, due to the relatively low
investment costs of manual and semi-automatic arc welding systems, such as GTAW, GMAW and FCAW,
arc welding with filler material has been widely used in industry to assemble the turbine. However, joints
welded using arc-based manual welding processes exhibit a relatively large HAZ, high residual stresses,
and distortion due to the considerable heat input and large thermal gradients from the multiple passes
required for assembly. Also, compared to more advanced processes, the operational cost for assembly is
high for arc-welding due to its relatively slow speed (low production rate), high labor intensity and cost of
skilled welders, and considerable consumable costs; this latter is related to the small penetration depth that
requires extensive grooving of the thick joint seam followed by multiple welds with filler metal addition
under shielding gas protection. In the present context, where the capital expenditure for advanced
manufacturing systems has decreased considerably, the high operating expenditure of arc welding
processes may override their manufacturing sustainability. Hence investment in the development and
introduction of alternative advanced welding and/or repair technologies that can improve the weld quality
and performance, whilst reducing the overall fabrication costs is necessary for turbine manufacturers to be
sustainable and cost-efficient in a global market.
For hydroelectric turbine assembly, the HLAW process is believed to offer a highly competitive
solution to improve the overall performance by combining the high energy density and fast welding speed
of the laser technology for deep penetration at a high production rate with the good gap bridging and
feeding ability of an arc process (Mahrle & Beyer, 2006). Hence the synergistic interactions of the laser and
arc heating sources in HLAW enable full penetration in thick gage sections using a single pass or fewer
passes – depending on the laser power – that, in turn, reduce the heat input, size of the FZ and HAZ,
thermal cycling, residual stresses and distortion in the assembly, relative to conventional arc welding alone.
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In the present work, a single-pass HLAW process was developed to join 10-mm thick CA6NM
martensitic stainless steel plates at three different welding speeds, namely 0.75, 1.0 and 1.2 m/min. Postweld tempering at 600°C for 1 hour was applied according to the recommended guidelines in ASME sec.
IX for welding and brazing qualifications of boiler & pressure vessel. The microstructure of the welds in
the tempered condition was characterised using OM and SEM. The mechanical performance of the
tempered welds was evaluated through measurement of the microindentation hardness, ultimate tensile
strength and Charpy impact energy, which were then correlated to the microstructural evolution.
Fractography on the fracture surface of the tensile and Charpy impact specimens was performed to identify
the failure origins and mechanisms.
EXPERIMENTAL
Cast ASTM A743 grade CA6NM was received in plate form with a chemical composition as
listed in Table 1. The 10-mm thick as-received plates were extracted from a newly cast CA6NM turbine
runner blade and were heat treated as follows: (1) normalizing by first heating at a rate of 60°C/hr to 800°C
and holding for 8 hrs followed by heating at a rate of 25°C/hr to 1030°C and holding for 27 hrs, (2) air
cooling to a temperature below the martensite finish temperature (Mf ≈ 90°C), and (3) tempering by heating
at a rate of 36°C/hr to 640°C and holding for 27 hrs followed by cooling at a rate of 25°C/hr. The CA6NM
plates were then machined into coupons of 150 mm × 75 mm × 10 mm for the HLAW trials.
The laser equipment consisted of an IPG photonics 5.2 kW continuous wave solid-state Yb-fiber
laser attached to an ABB robotic mounting arm. A collimating lens of 200 mm, a focal lens of 300 mm and
a fiber diameter of 0.20 mm were employed to produce a nominal focusing spot diameter of 0.30 mm. The
defocusing distance was 2.5 mm under the workpiece top surface and the laser head was inclined 5° from
the vertical position during welding. A Fronius Trans Pulse Synergic 4000 CMT (Cold Metal Transfer)
GMAW power supply was used in tandem with this laser system. The top surface of the workpiece was
shielded using a mixture of 96% argon and 4% oxygen at a flow rate of 23.6 l/min that was fed through a
GMAW nozzle, while the bottom surface was shielded using 100% argon at a flow rate of 9.5 l/min.
A single-pass HLAW process was developed to obtain full penetration in 10-mm thick CA6NM
plates with a Y-groove butt joint having a bevel angle of 30º. The root size was 5 mm with a gap size of
about 0.2 mm. The chemical composition of the AWS ER410NiMo filler wire (φ 1.14 mm) that was used is
given in Table 1. As indicated in Table 2, HLAW was conducted at different welding speeds and the
highest accessible laser power in “laser leading” mode. In accordance with recommended guidelines, postweld tempering was performed on the welded assemblies according to ASME Section IX at a holding
temperature of 600°C for 1 hr at heating and cooling rates of 50°C/hr.
Table 1 Chemical composition of cast CA6NM stainless steel and ER410NiMo filler metal
Elements
CA6NM
410NiMo

C
0.041
0.02

Si
0.454
0.37

Mn
0.756
0.34

P
0.032
0.017

S
0.008
0.0009

Cr
13.28
12.18

Ni
4.31
4.57

Mo
0.520
0.42

Cu
0.071
0.12

Others
0.11
-
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Table 2 Experimental
E
deesign for hybriid laser-arc welding
Sam
mple
#
1
2
3

Laser power
(kW
W)
5.2
2
5.2
2
5.2
2

Weldiing speed
(m
m/min)
0
0.75
1.0
1.2

Wire feed rate
W
(m/min)
12
16
19

Arc voltage
(V)
28
30
30

Arc current
(I)
283
352
349

Arc power
(kW)
7.9
10.6
10.5

After HLAW
W, the top andd bottom surfacces of the weldds were slightlyy machined prrior to extractinng
metalllographic, transverse tensile and Charpy im
mpact specimenns to remove the
t underfill onn the crown annd
reinforrcement at thee root, which reduced
r
the joiint thickness too 9 mm. The two
t
transversee metallographhic
specim
mens extracted from each welld were groundd with successiively finer SiC
C papers from 220
2 to 1200 griit,
polishhed using 3 an
nd 1 μm diamoond suspensionns, and finallyy etched electrrolytically in 10%
1
oxalic aciid
solutioon to observe the
t general maacrostructure orr chemically inn Beraha’s reaggent (1 g K2S2O5 + 20 ml HC
Cl
+ 80 ml
m H2O) to rev
veal the martennsite and delta--ferrite microsttructures. The delta-ferrite was
w also revealeed
by eleectro-etching in
n a 20% aqueeous solution of
o NaOH at rooom temperatuure. The microostructure of thhe
welds was examined
d using an inveerted optical microscope (Olyympus GX71) and a Hitachi 3600N
3
scanninng
electroon microscopee. Microhardneess profiles accross the weldds were meassured using a Vickers microoindenttation machinee (Struers Duraamin A300) at a load of 200 g, a dwell perriod of 15 s annd an interval of
o
0.15 mm
m between eaach indentationn.
Tensile and
d Charpy imppact tests weree conducted according
a
to ASME
A
Sectionn IX and VIIII,
respecctively. The flaat rectangular transverse
t
tensile specimens have a gage leength of 20 mm
m, a width of 13
1
mm annd a thickness of 9 mm (Figuure 1a). It is noteworthy
n
thatt the FZ and enntire HAZ of the
t hybrid laseerarc weelds could be located withinn the 20 mm gage length of the tensile speecimen. The teensile tests werre
conduucted at room teemperature usiing a 300 kN Tinius
T
Olsen frrame. The Chaarpy impact speecimen size waas
55 mm
m × 9 mm × 10 mm with a 2-mm deep V-notch locateed in the weldd metal througgh the thickness
(Figurre 1b).The Chaarpy impact teests were condducted at -18°C
C using a weigghted pendulum
m hammer on a
SATE
EC SI-1C3 systtem. The fractuure surfaces off both the tensiile and impact specimens weere examined by
b
SEM. In addition, th
he microstructture near the fracture
f
origin was also obseerved by OM after the tensile
tests.

FZ +HAZ

FZ +HAZ

(a)
(b)
Figuure 1 Specimen
n geometries foor (a) transverse tensile (wherre the FZ is cenntered within thhe demarcatedd
shaaded region) annd (b) Charpy impact tests.
RESULTS AND DISCUSSION
Macroostructure
Figure 2a shows
s
a typicaal transverse section
s
of a fuully-penetratedd weld produceed at a weldinng
speed of 1.0 m/min. Some porosityy was observeed in the FZ neear the root (Fiigure 2b), probbably due to thhe
precippitation of disso
olved gas at soolid/liquid inteerface during solidification
s
a
and/or
the collaapse of unstable
keyholes (Mirakhorlli, Cao, Pham, Wanjara, & Fiihey, 2014). Thhe macrostructuure of the diffeerent HAZs near
y after post-weeld tempering that is illustraated in Figure 2c was constrructed from thhe
the fuusion boundary
equilibbrium ternary phase diagraam of Fe-Cr-N
Ni at 13% Crr and 4% Nii (Folkhard, Rabensteiner,
R
&
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Pertenneder, 1988). Based on thiss phase diagraam, five diffeerent HAZs inn the as-weldeed state can be
b
prediccted. Located adjacent
a
to thee fusion bounddary, HAZ1 invvolves heatingg into the L + δ region and is
often referred
r
to as the
t PMZ. In thhe hybrid laserr-arc welds, HA
AZ1 was not distinguishable
d
e as noted by its
i
absencce in Figure 2cc. This findingg is similar to that reported previously
p
forr FCAW (Thibbault, Bocher, &
Thomaas, 2009), GTA
AW (Carrougee, Bhadeshia, & Woollin, 20004) and EBW of martensiticc stainless steeels
(Saraffan, Wanjara, Champliaud,
C
& Thibault, 2015). In HAZ2,, termed as thee coarse grain HAZ, complete
transfoormation of th
he BM microostructure to thhe delta-ferritee (δ) occurs during heatingg into the higgh
temperature single phase
p
δ region. HAZ3 develoops from heatinng into the highh temperature two-phase δ + γ
regionn where partiaal transformatioon of the austtenite (γ) matrrix to delta-feerrite happens during heating.
HAZ44 is from the single-phase
s
γ region wheree the BM has completely traansformed to austenite
a
durinng
heatinng. HAZ5 is the low temp
mperature dual--phase α + γ region thatt is characteriized by partiial
transfoormation of tem
mpered martennsite (α') to austenite during heating. It is noteworthy
n
thaat differentiatioon
of the different HAZ
Zs in the post-w
weld temperedd microstructurre was difficullt and thus the various regionns
i
in Figure
F
2c by inferring
i
from their positionn through supeerposition withh the as-weldeed
were identified
condittion that was reeported in our earlier
e
work (M
Mirakhorli et all., 2014).

(a)

(c)
(b)
Figure 2 (a) Macrostructure
F
M
s
showing
the FZ
Z and HAZ loccated within thee gage length of
o a transverse
tensile sp
pecimen (at a welding
w
speed of
o 1.0 m/min), (b) typical porrosity in the FZ
Z, and (c)
macrostructurre from the FZ
Z to the BM acccording to an Fe-Cr-Ni
F
ternarry diagram (Foolkhard et al.,
1988). It is no
oteworthy that in equilibrium
m phase diagram
m α refers to feerrite which unnder the rapid
α
coooling conditioons for the CA66NM alloy is α'.
Microostructure
The BM miicrostructure was
w investigated using OM annd SEM, as shhown in Figuree 3. Since all thhe
joints were tempered
d after weldingg, the BM itsellf was double-ttempered. How
wever, the BM microstructurees
in thee post-weld tem
mpered and as-received
a
connditions were quite similar,, consisting off tempered latth
martennsite with som
me coarse prim
mary delta-ferrrite (pri-δ) thaat formed durinng casting. Sppecifically, eacch
martennsite grain wass noted to consist of several packets
p
within which
w
parallel blocks of narrrow ruler shapeed
laths were
w
apparent, as reported prreviously (Morrito, Huang, Fuuruhara, Maki,, & Hansen, 20006). Accordinng
to literrature, some reetained austenitte may also be present as a fiinely dispersedd phase betweeen the martensite
laths (Bilmes
(
et al.,, 2001). This BM microstruucture, as obseerved in this study, is conssistent with thhat
reported previously for
f a similar BM compositionn (Sarafan et all., 2015; Thibaault et al., 20099).
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P
Porosity
Pri-δ

Pri-δ

(a)
(b)
Figure 3 BM microstruuctures by (a) OM
O and (b) SE
EM.
m
after post-w
weld temperingg (Figure 4) consisted off tempered latth
The FZ microstructures
martennsite. The use of Beraha’s reeagent as an ettchant produceed some color contrast
c
betweeen the grains of
o
the tem
mpered lath maartensite underr OM. The colooration is mainnly due to the varying
v
thicknness of the oxidde
or sulfide films dep
posited on the specimen surrface after reaaction with thee reagent and to the differennt
p
present originally
o
in thhe
crystalllographic orieentations of thhe grains (Vandder & George, 1984). The pri-δ,
BM (tthat was a rem
mnant from thhe casting process), was nott apparent in the FZ and itts dissolution is
consisstent with heating above the liquidus of the alloy. Hoowever, delta-fferrite was obbserved at prioor
austennite grain and sub-grain bounndaries, as shoown in Figure 4b after electrro-etching in 20%NaOH.
2
Thhe
tempered lath marteensite and deltta-ferrite weree observed at higher
h
resolutiion under SEM
M, as shown in
i
d to the as-wellded condition (Mirakhorli ett al., 2014), no visible variations in the deltaaFiguree 4c. Compared
ferrite morphology were observeed in the FZ
Z after post-w
weld temperingg due to the low temperinng
s
likelihood that reverseed
temperature (600°C)) used. Thoughh not resolved in this work, thhere is also a strong
F microstructuure. Specificallly, Song et al. (2010)
(
observeed
austennite is present in the temperedd martensitic FZ
that thhe tempering of
o lath martensiite can be accoompanied by thhe formation of
o reversed ausstenite along thhe
martennsite lath boun
ndaries, since the decompossition of marteensite into ausstenite starts at
a a temperaturre
aroundd 600°C, depeending on the C, Mn and Ni
N contents (A
Akhiate, Braudd, Thibault, & Brochu, 20144;
Santellla, Swindeman
n, Reed, & Tanzosh,
T
2001)). For examplee, Akhiate et al. (2014) meeasured the Ac1
temperature in the range
r
of 562°C
C - 607°C for a CA6NM maaterial with 0.0033-0.067% C and found thhat
mpering at 6000°C for 1 hr, the untemperred hard marteensite in the FZ
F can partiallly
duringg post-weld tem
transfoorm to austenite. Song et al. (2011) found that the formaation of reverssed austenite duuring temperinng
from 570°C
5
to 680°°C is mainly controlled
c
by a diffusional process and, in
i the presence of rich soluute
elemennts (Ni, Cr and
d Mn), the reveersed austenite formed can reemain stable evven at room tem
mperature. Also,
Bilmes et al. (2001) remarked thatt a high densityy dislocation iss a structural barrier
b
to the trransformation of
o
S
et al. (2010,
(
2011) examined witth
shear-controlled maartensite that then stabilizees austenite. Song
mission electro
on microscopyy the precipitaation of Cr-ricch carbides (M
M23C6) during tempering annd
transm
propossed that these precipitates
p
depplete Cr from adjacent areas,, whilst enrichiing Ni (an austtenite stabilizeer)
becausse the Cr carb
bides have littlle Ni solubilitty. As such, Song
S
et al. (20010) remarkedd that this coulld
providde suitable sitees for austenitee nucleation neear the carbides. These variouus reported finndings then lennd
convinncing assurance to the strongg probability off forming and retaining austeenite in the FZ
Z of the CA6NM
M
hybridd laser-arc weld
ds in the tempeered condition.

δ
α'

α'
δ

%NaOH
(b) electro--etching in 20%
(a) Stock’s reeagent
(c) Stock’ss reagent
Figure 4 FZ
Z microstructurre in the weld assembled
a
at 1..0 m/min by (aa,b) OM and (cc) SEM.
weld temperedd microstructurres of the diffferent HAZs are shown inn Figure 5. As
A
The post-w
mentiooned, HAZ1 (o
or the PMZ) coould not be disstinguished from
m the FZ probbably due to itss (i) very narrow
size thhat stems from
m the very narrrow solidificattion temperatuure range of ~ 30°C (Folkhaard et al., 19888)
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and/or (ii) microstructural similarity with that of the FZ. In both HAZ2 (Figure 5a-b) and HAZ3 (Figure 5cd), a tempered martensitic microstructure was observed, with the exception that the grain structure in HAZ2
was coarser than that in HAZ3. The occurrence of these microstructures in HAZ2 and HAZ3 can be
explained from the heating cycle during welding that exposes these regions to a temperature range where
single phase δ and dual phase δ + γ regions are respectively present, as illustrated in Figure 2c. However,
considerable grain growth occurs when heating to the single phase δ region, and, as such, the grain
structure in HAZ2 coarsens (Thibault et al., 2009). On cooling, the high temperature phases (δ and γ)
undergo transformations and eventually reverse to martensite that is untempered. After tempering at 600°C,
the tempered lath martensite remains coarser in HAZ2 than in HAZ3. In HAZ4 (Figure 5e-f) and HAZ5
(Figure 5g-h), the martensitic microstructures after tempering appeared remarkably similar. However,
noticeable hardness differences between the microstructures in HAZ4 and HAZ5 for the tempered hybrid
laser-arc welds are present, as will be discussed in the next section. Here we can contemplate the phase
transformation occurring on heating during welding into the single phase γ region (HAZ4) or low
temperature dual phase (α + γ) region (HAZ5) using again the phase diagram given in Figure 2c. For
instance, the gradual increase in the temperature across HAZ5 on heating during welding will increasingly
transform the tempered martensite structure of the BM to austenite. However, considering the short time at
the low temperature, complete transformation of the tempered martensite to austenite is unlikely in HAZ5
but should occur within HAZ4. On cooling, the austenite formed should reverse to martensite, which is
untempered. Hence, in HAZ4, the microstructure at room temperature after welding is predominantly
untempered martensite, whereas in HAZ5 both tempered and untempered martensite would be present and,
depending on the location, in different relative fractions. Also, especially in HAZ5, some retained austenite
may form due to the tempering thermal cycle applied to CA6NM.
Tempering of this mixed microstructure in HAZ5 after welding would then lead to some changes
in the untempered martensite, remnant tempered martensite and retained austenite. It is noteworthy to
understand that the untempered martensite, whether in the FZ or HAZs, is unstable before tempering due to
(i) the inherent supersaturated structure with carbon, which is formed by diffusionless martensite
transformation, and (ii) the high dislocation density within martensite, which is related to the
transformation of austenite to martensite that results in a slight increase in volume (~ 4%) and lattice
invariant deformation (Krauss, 2012; Porter & Easterling, 1992). During tempering, the instability of the
untempered martensite can act as a driving force and cause various changes in the matrix, e.g.
rearrangement of carbon atoms and formation of carbides (M23C6), as well as a decrease in dislocation
densities. Also, during tempering the high angle inter-lath boundaries are progressively replaced by low
angle inter-lath boundaries, which render greater stability of the tempered martensite microstructure
compared to the untempered martensite (Caron & Krauss, 1972; Krauss, 2012). Hence, during tempering
the untempered martensite in HAZ5 and HAZ4 of the hybrid laser-arc welds will change to a tempered
structure, as corroborated by Sarafan et al. (2015) for post-weld tempered electron beam welds. In the case
of the remnant tempered martensite in HAZ5, the second tempering (i.e. doubled tempering) can further
reduce dislocation densities and cause stress release, leading to a more softened microstructure. Relative to
the BM, the softening in HAZ5 is likely to be greater because of the additional exposure to the tempering
temperature conditions during welding. Finally, reversed austenite can also form in HAZ5 during post-weld
tempering. This austenite can nucleate at the carbides (Song, Ping, Yin, Li, & Li, 2010) or pre-existing
retained austenite (Kimmins & Gooch, 1983). The austenite retained after welding may grow during
tempering and become less stable after growth. In addition, it has been reported that the precipitation of
M23C6 during tempering around 600°C can deplete Cr and C from both the martensite and retained
austenite phases, which renders the latter less stable and prone to martensitic transformation during cooling
after tempering (De Sanctis et al., 2013; Qin et al., 2008). Moreover, the reversed austenite formed during
tempering is more enriched in C and Ni compared to the retained austenite formed during the welding
process, which renders greater stability (Folkhard et al., 1988; Zappa, Svoboda, & Surian, 2013).
The effect of welding speed (0.75-1.2 m/min) on the tempered microstructures in the FZ and
different HAZs was studied. However, no significant differences in the microstructure were observed for
the range of welding speeds used, as corroborated from the microhardness measurements as discussed next.
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Figure 5 Microstructural evolution in the various HAZs of the weld assembled at 1.0 m/min.
Microindentation Hardness
The hardness profiles across the FZ, HAZs and BM for the tempered welds, measured along the
mid-thickness of a transverse section, are shown in Figure 6a-c. Similar trends were observed for the three
welding speeds. Specifically, the microhardness appears to increase by about 7% from HAZ2 to HAZ4,
where a maximum value occurs and then drop by about 9% in HAZ5, where a minimum value typically
occurs (Table 3). For instance, examining the 1.0 m/min welding condition, the hardness evolves from a
value of 289 ± 5 HV in HAZ2 to 294 ± 5 HV in HAZ3 and to a maximum of 310 HV in HAZ4. It is
noteworthy that the narrow breadth of both HAZ2 and HAZ3 (~0.4-0.6 mm in width) limits the number of
hardness measurements to 1–3 data points. Beyond the hardness maximum in HAZ4, the hardness
decreased progressively and a minimum average value of 276 ± 6 HV was recorded in HAZ5. Compared to
the as-welded condition, these microhardness values in HAZ2, HAZ3 and HAZ4 were lower by 55 ± 5 HV
after post-weld tempering. The decrease in microhardness in HAZ2-HAZ4 after tempering may be due to
(i) the formation of reversed austenite and tempered martensite (Sarafan et al., 2015), (ii) the release of
residual stresses and (iii) a decrease in the dislocation density (Dawood, Mahallawi, Azim, & Koussy,
2004).
The occurrence of a hardness maximum in HAZ4 after post-weld tempering is related to the
maximum temperature experienced during welding, which is close to the Ac4 temperature in the single
phase γ region, where partial or complete dissolution of the Cr-rich carbides (M23C6) can happen and lead
to increased carbon supersaturation and lattice distortion of the martensitic matrix, and consequently higher
hardness in the final microstructure (Candelaria & Pinedo, 2003). Alternatively, the decrease in
microhardness from HAZ4 to HAZ5, until reaching the minimum average value in HAZ5 is related to
further tempering of the microstructure. As discussed above, the tempered and untempered martensite in
HAZ5 would undergo tempering with the possible formation of new Cr-rich carbides (M23C6) and reversed
austenite (Lippold & Kotecki, 2005), which would cause softening relative to BM. Hence, the
microhardness in HAZ5 is slightly lower than the value of the BM (294 ± 5 HV) after post-weld tempering,
which was comparable to that reported for the as-received (i.e. normalized and tempered) BM (297 ± 12
HV). The softening phenomenon in the HAZ5 of tempered CA6NM hybrid laser-arc welds is in agreement
with previous reported work on EBW (Sarafan et al., 2015) and FCAW (Trudel, Sabourin,, Lévesque, &
Brochu, 2014) of CA6NM.
Figure 6d shows the effect of the welding speed on the hardness values in the FZ (including
HAZ1). The average FZ hardness (Table 3) tends to increase progressively from 291 ± 7 HV to 304 ± 7 HV
with increasing welding speed from 0.75 m/min to 1.2 m/min due to increasing refinement of the prioraustenite grains (Lippold and Kotecki, 2005) that, in turn, decreases the packet and block size of the lath
martensite structure. Also Hanamura et al. (2013) found that the grain boundary density, especially the high
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higherr welding speeed). Hence witth increasing welding
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speed, the increasedd grain refinem
ment and higher
dislocaation density can
c result in sllightly harder martensite.
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Preeviously, usingg FCAW, Truddel et al. (20144)
reported an average hardness of 3220 HV in the teempered FZ off CA6NM and Thibault et al. (2009) reporteed
H for the temp
pered FZ in 4115 stainless steel. In comparisson, these valuues are slightlyy higher than thhe
316 HV
highesst value of 304
4 HV obtainedd in this study for the tempered hybrid laser-arc welds assembled
a
at 1.2
m/minn. Also, the hardness
h
of thee FZ in the teempered CA6NM hybrid laaser-arc welds (Table 3) waas
determ
mined to be considerably
c
loower than thee values of 3330-340 HV reeported for thhe FZ center in
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autogeenous electron beam welds of
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(a)

(b)
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(d)
Figuure 6 Hardness profiles of the tempered weldds assembled at
a welding speeeds of (a) 0.75 m/min, (b) 1.00
m
m/min,
and (c)) 1.2 m/min; (dd) effect of wellding speed on the FZ hardneess (tempered condition).
c

Tablee 3 Microhardn
ness of the FZ and HAZs in the
t tempered welds
w
assembleed at different welding
w
speedss
Microindenntation hardnesss
Welding sp
peed
(m/min))

FZ
Z
(Avg.)

HAZ2
(Avg.)

HAZ3
(Avg.)

HAZ4
(Max.)

HAZ5
(Avg.)

HAZ5
(Min.)

0.75

291

295

301

313

280

268

1.0

295

289

294

310

276

265

1.2

304

300

305

328

294

277

Tensille Strength
The ultimatte tensile strength of the weldds obtained at the different welding
w
speedss after post-welld
tempering are listed in Table 4. Thhe average ultim
mate tensile strength value foor all the weldds was 859 MP
Pa.
Considdering that thee minimum ultiimate tensile strength
s
requireement in ASTM A743 standdard is 755 MP
Pa
for CA
A6NM, the hybrid
h
laser-arc welds in poost-weld temppering conditioon met quite sufficiently thhe
specifi
fication. It is allso noteworthyy that compareed to our previously reportedd value for the ultimate tensile
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strength in the as-welded condition (Mirakhorli et al. 2014), post-weld tempering resulted in a decrease of
about 100 MPa due to the reduced internal stress between the martensite laths as well as the lower
dislocation density (Al Dawood et al., 2004). Moreover, the ultimate tensile strength of the welds in the
post-weld tempering condition lies into the range of 796 - 1018 MPa (depending on the carbon content,
tempering temperature and time) for a CA6NM alloy in the normalized and tempered condition (Akhiate et
al., 2014).
Table 4 Tensile strength and impact energy of the tempered CA6NM welds
assembled at different welding speeds
UTS (MPa)
Specification values
Welding speed 0.75 m/min
Welding speed 1.0 m/min
Welding speed 1.2 m/min

≥ 755I
843.0
838.5
896.5

Failure location during
tensile testing
N/A
BM
BM
BM

Charpy impact
energy (J)
≥ 27II; ≥ 34III
40.0
41.0
45.5

I

ASTM A743 standard in annealed and tempered condition; IIASME Sect. VIII Div.1; IIIALSTOM
industrial specification.
To better understand the tensile deformation, longitudinal sections along the tensile load direction
near the failure location were examined for the three welding speeds, as shown in Figure 7. All the tensile
specimens failed in the BM but near HAZ5, as observed in Figure 7a-c. A close-up observation in Figure
7d-f demonstrates the presence of some pores near the failure locations which are deformed and/or
elongated along the tensile loading direction. The porosity area fractions measured using an image analysis
method on the original cast BM and the BM of the weld near the fracture location conducted at a welding
speed of 1.0 m/min are, respectively, 0.12 ± 0.04% and 0.73 ± 0.3%, which indicates a noticeable increase
in both porosity area and size during the tensile deformation. The observation of larger porosities in a
greater number after the tensile failure can be due to (i) the growth of some pre-existing pores in the
original cast BM and (ii) formation of new pores during the tensile deformation. The existing pores in the
original BM can be gas bubbles and/or shrinkage porosity as shown in Figure 3a and Figure 8, the tensile
fracture surface morphologies. Specifically, in Figure 8e, dendrite tips are clearly observed indicating the
possible presence of shrinkage porosity in the BM. Clearly, the pre-existing porosity defects in the original
cast BM can initiate tensile cracking, accelerate crack propagation, or even change the fracture path.
Generally it was observed that the tensile cracks formed within the martensite matrix, i.e. between
the martensite laths (Figure 7g-i) or at the primary delta-ferrite/martensite interfaces (Figure 7j-l). In
particular, it was found that at an early stage, multi-cracks form within the martensite matrix (Figure 7g-i)
or at the delta-ferrite/martensite interfaces (Figure 7j-k) and propagate, coalesce and link together into
longer cracks, as shown in Figure 7h,i,l. The cracking mechanism within the martensite matrix is consistent
with the formation of microvoids during tensile loading. The martensite matrix displays dimple features, as
shown in Figure 8g-i. The necking appearing near the fracture locations in Figure 7a-c is an indicative of
the ductile failure mode, which may involve initiation, growth and coalescence of microvoids during tensile
deformation. The same crack generation process has been observed for ferritic-martensitic steels
(Avramovic, Saleh, Jain, & Wilkinson, 2009; Kadkhodapour, Butz, Ziaei, & Schmauder, 2011). The
differences in the localized deformation between the martensite particles or laths during tensile deformation
may lead to separation of the bulk martensite or the martensite laths (Steinbrunner, Matlock, & Krauss,
1988). As for the cracks propagating at the primary delta-ferrite/martensite interfaces, the poor bonding
between the two phases may be responsible for the cracking. In addition, incompatibility of the plastic
deformation between the primary delta-ferrite and martensite phases may induce local stress concentration,
that can further aid interfacial decohesion between the two phases with the crack being aligned along the
tensile loading direction. Due to limited quantity of primary delta-ferrite particles available, microvoid
formation and growth inside the bulk martensite was predominately observed. In addition, some martensite
softening is possible after tempering, which leads to a more homogeneous carbon content between the two
phases (primary delta-ferrite and martensite). In particular, Lee et al. (2004) proved through wavelengthdispersive spectroscopy that during tempering diffusion of carbon from martensite to ferrite occurs, which

Page 10 of 16
Published by the Canadian Institute of Mining, Metallurgy and Petroleum | www.metsoc.org

COM 2015 | THE CONFERENCE OF METALLURGISTS
hosting AMCAA | America's Conference on Aluminum Alloys

ISBN: 978-1-926872-32-2

can increase the strength of the primary delta-ferrite and the interfacial strength between the two phases.
Hence the cracks formed at the primary delta-ferrite/martensite interfaces propagate into the martensite
matrix, rather than in the delta-ferrite, as evidenced in Figure 7j-l.
0.75 m/min
FZ

1.0 m/min

1.2 m/min
FZ

FZ
HAZ

HAZ

HAZ
BM

BM

BM

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

(i)

100 µ m

Pri-δ

Pri-δ

Pri-δ

(j)
(l)
(k)
Figure 7 Microstructure along the tensile load direction near the tensile fracture surface of the welds
assembled at welding speeds of 0.75 m/min (a,d,g,j), 1.0 m/min (b,e,h,k) and 1.2 m/min (c,f,i,l)
Charpy Impact Property
The Charpy V-notch impact energies in the FZ of the welds assembled at the three different
welding speeds are listed in Table 3. The impact energy values increased slightly with increasing welding
speed from 40.0 J at 0.75 m/min to 45.5 J at 1.2 m/min. The minimum requirement according to ASME
Sect. VIII, Div.1 and industrial hydraulic turbine manufacturing specification for Charpy impact tests is 27
J and 34 J, respectively. Therefore, all welds have higher Charpy impact energies than the minimum
requirement at -18°C. These results indicate that the recommended tempering conditions selected from
ASME sec. IX are suitable for sufficiently reducing the dislocation density and internal stresses in the
hybrid laser-arc welds through the tempering of martensite and formation of probably some reversed
austenite. As mentioned previously, three possible phases are present in the FZ of the tempered hybrid
laser-arc welds in CA6NM, namely tempered martensite, reversed austenite and delta-ferrite, each of which
can influence the impact energy. For instance, Iwabuchi (2003) reasoned that the austenite in the vicinity of
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the fracture tip undergoes martensitic transformation and acts as a shock energy absorber during the impact
testing. Hence, the transformation of austenite to martensite during plastic deformation (transformed
induced plasticity mechanism) absorbs additional energy, thereby improving the toughness (Bilmes et al.,
2001). On the other hand, the presence of delta-ferrite in a 13%Cr–4%Ni low carbon martensitic stainless
steel can deteriorate the impact properties by decreasing the crack initiation and propagation energy and
promote decohesion at delta-ferrite/martensite interfaces during fracture (Wang, Lu, Xiao, Li, & Li, 2010).
0.75 m/min

1.0 m/min

1.2 m/min

(a)

(b)

(c)

(d)

(e)

(f)

Porosity
Porosity

20 µm

20 µm

20 µm

(h)
(g)
(i)
Figure 8 Secondary electron images of the tensile fracture surfaces for the welds assembled at welding
speeds of 0.75 m/min (a,d,g), 1.0 m/min (b,e,h) and 1.2 m/min (c,f,i)
Figure 9 shows the general overviews of the Charpy impact fracture surfaces for the welds
assembled at the different welding speeds. The fracture surface topography of the weld assembled at 0.75
m/min exhibits a high amount of porosities in the FZ, especially close to the root (Figure 9a), probably due
to the collapse of the unstable keyhole at this low welding speed. At the higher welding speeds (1.0-1.2
m/min), the observed porosity was lower, although some secondary cracks appeared to initiate from the
porosity (Figure 9b,c,e,f). The fractographs indicate that the fracture mechanism seems to be a mixture of
quasi-cleavage and dimple mode. For instance, the quasi-cleavage facets, as revealed in Figure 9g-i, are
associated with tear ridges and suggest that plastic deformation is limited during impact loading of each
welding speed condition. In the regions associated with the prior-austenite grains, the quasi-cleavage facets
were separated by secondary cracks that exhibited parallel morphologies, which have a similar spacing
distance to those observed between two adjacent delta-ferrite stringers in the FZ (Figure 4b). This
observation suggests that the secondary cracks most likely propagate along the delta-ferrite
stringer/martensite lath interfaces during Charpy impact loading, leading to the formation of quasi-cleavage
facets in the FZ. Carrouge et al. (2004) also observed secondary intragranular cracks propagating along the
delta-ferrite/lath martensite interfaces during Charpy impact loading of low carbon supermartensitic
stainless steel and indicated that, when the dispersed delta-ferrite in the matrix possesses a spheroidised
morphology (more analogous to the primary delta-ferrite in the BM), the initiated crack could not link up
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and propagate as easily. It is noteworthy that the easy crack propagation along the delta-ferrite/martensite
interface is consistent with that appearing along primary delta-ferrite plate/martensite interface in the BM
during tensile loading of the hybrid laser-arc welds in this study.
By contrast, on the fractographs of each weld, the presence of equiaxed dimples, resulting from
the formation and coalescence of microvoids in the matrix, are shown in Figure 9j-l. The fracture surfaces
reveal shallower dimple morphologies for the weld assembled at 0.75 m/min as compared to the deeper
dimples for the welding speed condition of 1.2 m/min. The deeper dimple morphology represents greater
plastic deformation and consequently a higher absorbed energy. As Dieter and Bacon (1986) indicated that
the energy absorbed during impact loading increases with decreasing prior-austenite grain size, this can
explain the slightly higher impact energy value obtained in the present study at the higher welding speed; in
particular, a higher welding speed gives a faster cooling rate that can lead to a finer prior-austenite grain
size and consequently finer lath martensite.
0.75 m/min

1.0 m/min

1.2 m/min

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

(i)

Root

Top

(l)
(j)
(k)
Figure 9 Secondary electron imaging of the Charpy impact fracture surfaces for the welds assembled at
welding speeds of 0.75 m/min (a,d,g,j), 1.0 m/min (b,e,h,k) and 1.2 m/min (c,f,I,l)
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CONCLUSIONS
Hybrid laser-arc welding (HLAW) of low carbon 13% Cr-4% Ni martensitic cast stainless steel
CA6NM was performed at different welding speeds in butt joint configuration. The microstructures and
mechanical properties were characterized after post-weld tempering at 600°C for 1 hour.
•

The fusion zone in the welded CA6NM alloy in the post-weld tempered condition mainly consisted of
a tempered lath martensite matrix with residual delta-ferrite formed at the prior-austenite grain and
sub-grain boundaries.

•

Four different heat affected zones (HAZs) were distinguishable, each exhibiting a tempered martensite
microstructure after post-weld tempering. Coarse tempered lath martensite was observed in HAZ2 as
compared to HAZ3, due to the higher temperatures experienced in HAZ2 (i.e. into the single phase
delta-ferrite region) on heating during welding. The tempered martensite in HAZ4 and HAZ5 were
similar in appearance to that in the base metal under optical and scanning electron microscopy.
Reversed austenite and chromium carbides also possibly formed in the HAZ during the post-weld
tempering process, though not resolved using optical and scanning electron microscopy in this work.

•

The average hardness in the tempered fusion zone increased slightly with increasing welding speed
from 291 ± 7 HV at 0.75 m/min to 304 ± 7 HV at 1.2 m/min, due to the refinement of the prioraustenite grains and increased dislocation density. A hardness maximum appeared in HAZ4 near the
HAZ3/HAZ4 boundary while a hardness minimum was observed in HAZ5. Hardening in HAZ4 was
attributed to the high temperatures experienced during welding that would lead to carbide dissolution
and, in turn, carbon supersaturation of the untempered martensite; this pre-condition would result in a
harder martensite on tempering. Maximum softening in HAZ5 after post-weld tempering was due to
the transformation of untempered martensite to tempered martensite, the formation of reversed
austenite, and the double tempering effect of the tempered martensite already existing in HAZ5.

•

The ultimate tensile strength of all the welds in the tempered condition ranged between 843 MPa and
896.5 MPa, which sufficiently meets the minimum requirement of 755 MPa according to the ASTM
A743 specification. The microstructure near the tensile fracture surface and from fractography
indicated dimple mode ductile features and the presence of two types of tensile cracks: (i) within the
martensite matrix, i.e. between the martensite laths and (ii) at delta-ferrite/martensite interfaces. The
predominant cracking mechanism within the martensite matrix is consistent with the formation, growth
and coalescence of microvoids during tensile fracture in the base metal of the welds. By contrast, the
delta-ferrite/martensite decohesion is probably due to their poor bonding, although interfacial
separation may be further aided by the local stress concentration caused by the differing plastic
deformability between the delta-ferrite and martensite phases.

•

The Charpy notch impact energy values of the tempered welds increased slightly from 40.5 J to 45.5 J
with increasing welding speed from 0.75 m/min to 1.2 m/min; these values are well above the current
minimum requirements in ASME and turbine manufacturing industrial specifications. The slightly
higher impact energy at higher welding speed was attributed to the refined prior-austenite grains.
Mixed dimple-quasi cleavage fracture modes were observed with secondary cracks being present along
the delta-ferrite/martensite interface in the fusion zone. With increasing welding speed, the dimples on
the fracture surface were observed to be deeper, thereby corroborating the higher impact energy values.
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